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The lithium amide (LiNH2) + lithium hydride (LiH) system is one of the most attractive
light-weight materials options for hydrogen storage. Its dehydrogenation involves mass transport
in the bulk (amide) crystal through lattice defects. We present a ﬁrst-principles study of native
point defects and dopants in LiNH2 using density functional theory. We ﬁnd that both Li-related
defects (the positive interstitial Li+i and the negative vacancy V

Li) and H-related defects
(H+i and V

H) are charged. Li-related defects are most abundant. Having diﬀusion barriers of
0.3–0.5 eV, they diﬀuse rapidly at moderate temperatures. VH corresponds to the [NH]
2 ion.
It is the dominant species available for proton transport with a diﬀusion barrier of B0.7 eV.
The equilibrium concentration of H+i , which corresponds to the NH3 molecule, is negligible in
bulk LiNH2. Dopants such as Ti and Sc do not aﬀect the concentration of intrinsic defects,
whereas Mg and Ca can alter it by a moderate amount. Ti and Mg are easily incorporated
into the LiNH2 lattice, which may aﬀect the crystal morphology on the nano-scale.
1. Introduction
The development of hydrogen storage systems is important for
realising hydrogen energy systems in the near future. Solid
state reversible hydrogen storage systems are of great interest
for this purpose.1 A successful system should have large
gravimetric and volumetric storage capacity, suitable thermo-
dynamic properties, and fast hydrogen absorption and
desorption kinetics.
Since the seminal paper by Chen et al.2 in 2002, there has
been considerable interest in the lithium amide and lithium
hydride mixture. The reversible reaction
LiNH2 + LiH2 Li2NH + H2 (g) (1)
releases more than 5 wt% of hydrogen from 150 to 350 1C and
has a reaction enthalpy of 67 kJ mol1 H2.
2–7 The desorption
reaction has been shown to proceed in two steps.6,8–10 First the
amide decomposes to release ammonia (NH3), which sub-
sequently reacts with the hydride to form hydrogen.
2LiNH2- Li2NH + NH3 (g) (2)
and
NH3 (g) + LiH- LiNH2 + H2 (g). (3)
On-board applications of the LiNH2 + LiH mixture as a
successful solid state reversible hydrogen storage system face
problems such as a high operating temperature and slow
release kinetics. To solve such problems it is helpful to under-
stand the mechanism of the LiNH2 + LiH reaction, which has
to involve mass transport through bulk crystalline materials. It
is generally believed that the ﬁrst step (i.e. eqn (2)) is the
bottleneck.4,8,9,11,12 One mechanism proposed has ammonia
diﬀusing through a Li2NH layer.
10 Alternatively, Li+ and H+
ions migrate in LiNH2 and Li2NH, keeping a local charge
balance while gradually changing the composition,13 resulting
in ammonia inside the material or at the surface. Li+ diﬀusion
from LiH to LiNH2 across the interface has also been put
forward,14 although this is hard to reconcile with an ammonia
mediated reaction.
The lattices of LiNH2 and Li2NH are very similar, with the
nitrogen atoms forming essentially the same sublattice.
Diﬀusion of species in and out of the materials converts the
amide into the imide. Below we will argue that having NH3
inside the LiNH2 lattice is unfavourable, and its equilibrium
concentration is very low. This means that NH3 is produced at
the surface. LiNH2 then changes locally to Li2NH via a series
of intermediate compositions Li1+y(NH2)1y(NH)y. These
accommodate the Li+ coming from the amide that has been
consumed, and act as a source of NH3 at the surface. One has
a net mass transport of Li+ into the amide and of H+ toward
the surface. Of course such mass transport can also be realised
by vacancies VLi and V

H diﬀusing in the opposite directions.
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David et al.13 pointed out the close resemblance between the
amide and imide lattice and argued that the amide/imide
conversion occurs in a non-stoichiometric fashion, i.e., as a
gradual change of composition from LiNH2 to Li2NH. More-
over, for a wide range of compositions the intermediate retains
a cubic anti-ﬂuorite structure similar to Li imide. This point of
view gets some support from a recent computational study,15
where it was found that an intermediate compound with
composition Li1.5NH1.5 is more stable than separation into
bulk amide and bulk imide by 0.08 eV.
Conversion of LiNH2 to Li2NH naturally involves diﬀusion
of Li and H species through the bulk material. In a crystalline
material such mass transport can take place only via lattice
defects. The most elementary defects are Li and H point
defects. Here we present a ﬁrst-principles study of the forma-
tion energy and diﬀusivity of such point defects in bulk LiNH2
in order to examine the initial stages of its transformation into
Li2NH. In the ﬁnal stages additional eﬀects on the energetics
might play a role, which we do not consider, such as intrinsic
disorder in the H positions,16–22 or in the Li sublattice.23
Early transition metal compounds are frequently added in
small amounts to a hydrogen storage material such as LiNH2
because of their supposed catalytic action, whereas alkaline
earth compounds are often mixed with their alkali counter-
parts to try and inﬂuence the (de)hydrogenation thermo-
dynamics and kinetics.24–26 To see whether such additives
inﬂuence the hydrogen storage properties of LiNH2 through
changing the energetics of defects, we examine the eﬀect of
dopants such as Ti, Sc, Ca, and Mg on the formation energy
and, consequently, the concentrations of Li and H point
defects. Such dopants have been considered in previous
studies,27–30 but a systematic study of their charge state has,
to our knowledge, not been made, and this usually has a large
inﬂuence on their energetics.
After discussing the computational details in Section 2, we
report our results for Li and H point defects and metal dopants
in Sections 3 and 4, respectively. The main conclusions are
discussed in Section 5.
2. Computational methods
First-principles calculations are performed in the framework
of density functional theory (DFT)31,32 using the Generalised
gradient approximation (GGA) in the version of Perdew,
Burke and Ernzerhof33 and the projector augmented wave
method (PAW)34 as implemented in the Vienna ab initio
simulation program (VASP).35,36 A kinetic energy cutoﬀ of
500 eV is used for the plane wave expansion of the Kohn Sham
orbitals. For the systems with defect(s), the Brillouin zone
(BZ) integrations are performed by using a 2  2  2 special
k-point mesh according to the Monkhorst–Pack scheme.37 For
charged defects, a homogeneous background-charge is
assumed in order to prevent divergence of the total energy.
The internal atomic positions are relaxed via the conjugate
gradient method until the forces on atoms are less than
0.01 eV A˚1. For the systems with a dopant, spin polarised
calculations are performed.
The climbing image nudged elastic band (CI-NEB) method
is used to determine the transition state (TS) by constructing a
string of images between two adjacent potential energy
minima.38,39 The string of images is relaxed until the forces
perpendicular to the minimum energy path are less than
0.03 eV A˚1.
LiNH2 has a tetragonal ground state crystal structure
belonging to the I4 space group (No. 82). The optimised lattice
constants are a= b= 5.013 A˚ and c= 10.342 A˚, which are in
good agreement with the experimental values (5.034 and
10.255 A˚, respectively).40 The unit cell of LiNH2 contains
eight formula units (see Fig. 1). The optimised atomic
positions are listed in Table 1. Li atoms are tetrahedrally
coordinated by N atoms and N atoms have a distorted fcc
arrangement. All NH2 moieties are equivalent, but the two
hydrogens within one moiety are inequivalent. The N–H
bonds point towards the midpoints between two adjacent
vacant tetrahedral sites. In all our subsequent calculations
we use computationally optimised structures.
The calculations of native point defects and dopants are
performed in a (2 2 1) supercell containing 128 atoms. The
supercell volume and shape are ﬁxed, but the internal atomic
positions are fully relaxed. Using periodic boundary
conditions on a ﬁnite size supercell always gives an interaction
between the periodic images, which is unwanted as we are
interested in isolated defects. We checked the eﬀect of cell size
for the hydrogen interstitial H+i . With a (4  4  2) supercell
we obtain a 0.07 eV higher formation energy than with the
Fig. 1 The optimised crystal structure of tetragonal LiNH2, with
lithium as green spheres, nitrogen as blue spheres, and hydrogen as red
spheres. Vacant tetrahedral sites are represented by gray spheres.
Relevant sites are labelled by Wyckoﬀ symbols. The unit cell contains
eight formula units.
Table 1 Optimised atomic coordinates for LiNH2
Atom Wyckoﬀ position Coordinates
Li(1) 2a 0, 0, 0
Li(2) 4f 0, 0.5, 0.0069
Li(3) 2c 0, 0.5, 0.25
N 8g 0.2294, 0.2465, 0.1154
H(1) 8g 0.2285, 0.1154, 0.1918
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(2 2 1) cell (as calculated with eqn (5) below). This places a
tolerable error bar on the formation energies given below.
The energy of an isolated H2 molecule is calculated in a
cubic box of size 10 A˚. Phonon frequencies (at G only) are
calculated using a ﬁnite diﬀerence method.41 Typical size of
the displacement is 0.01 A˚ where two opposite displacements
per independent degree-of-freedom are applied.
3. Native point defects in LiNH2
3.1 Formalism
At equilibrium the temperature dependent concentration c of a
defect is given by the expression
c = N exp(Ef/kBT) (4)
Here N is the number of sites in the lattice (per unit volume) at
which the defect can be incorporated. Ef is the defect
formation energy, kB is Boltzmann’s constant, and T is the
temperature. The formation energy Ef of a defect X in charge
state q is deﬁned as42




nimi þ q½EF þ EV þ DV:
ð5Þ
Etot[X
q] is the total energy of a supercell with a defect in charge
state q and Etot[bulk] is the total energy for the equivalent
defect-free supercell. We use DFT total energies with, if X
involves hydrogen, zero-point (vibrational) energy (ZPE)
corrections to approximate free energies. This is a suitable
approximation for solids as the pV contribution is negligible at
the standard pressure of 1 bar. Moreover, the temperature
dependence of the vibrational contributions to the Gibbs free
energy is negligible, so we can use T= 0 results.43 To calculate
the formation energy we need the change in zero point energies
between the system with and without a defect. In practice,
only the changes in the high frequency vibrations give a non-
negligible contribution. In the present case it turns out that
only the hydrogen stretch modes matter, i.e. the diﬀerence
between the N–H stretch frequency in the solid state, and the
H–H stretch frequency in the H2 molecule.
44 EF is the Fermi
energy with respect to the valence-band maximum in the bulk
(EV). DV is a correction term to align the reference potential in
the defect-containing supercell with that in the defect-free
supercell. We align the electrostatic potential on a N atom in
the supercell far away from the defect with the electrostatic
potential on the N atom in the defect-free supercell. ni is the
number of atoms of type i that have been added to (ni > 0) or
removed from (ni o 0) the supercell to create the defect.
mi are the chemical potentials of the defect species. They
depend on the experimental conditions. We ﬁx the chemical
potential of hydrogen mH by




The temperature-dependent Gibbs free energy change
DG(T)(H2) = [H(T)(H2)  H(0)(H2)]  T  [S(T)(H2)  S(0)(H2)]
of a H2 molecule in the gas phase is added to the DFT total
energy Etot(H2), which includes the ZPE, of an isolated H2
molecule. We assume the system to be in equilibrium with
hydrogen gas at a certain pressure and temperature. Therefore
we calculate DG(T)(H2) at a pressure of 1 bar and for the
temperature range 400–700 K.45 As we will see below,
changing the temperature within this range does not alter
the most important defect formation energies.
To ﬁx the chemical potential of Li, we assume an
equilibrium between the amide and imide phases, i.e. between
LiNH2 and Li2NH. The chemical potential of Li mLi can then
be expressed as
mLi = Etot(Li2NH)  Etot(LiNH2) + mH. (7)
Similarly we obtain for mN:
mN = Etot[LiNH2]  mLi  2mH. (8)
Here the total energies Etot(Li2NH) and Etot(LiNH2) include
ZPE corrections. For Li2NH we use the optimized Pbca
structure by Mueller and Ceder.22
We can check whether our choice of chemical potentials is
reasonable. If we assume an equilibrium according to eqn (1),
then the hydrogen chemical potential is given by
2mH = Etot(LiNH2) + Etot(LiH)  Etot(Li2NH). (9)
Assuming equilibrium with hydrogen gas at a pressure of
1 bar then gives a temperature of 510 K, see eqn (6). This
temperature is well inside the range we considered above, and
well inside the range of experimental dehydrogenation
temperatures.2–6
Assuming equilibrium between Li2NH, LiNH2 and NH3 gas
according to eqn (2) is less logical, as one expects NH3 to be
captured immediately by LiH, according to eqn (3).
3.2 Formation energies of Li and H point defects
We study vacancy (VqX) and interstitial (X
q
i ) point defects for
both X = Li and X = H in three possible charge states
(q = +1,0,1). VLi corresponds to removal of a Li+ from
LiNH2 resulting in a remaining NH2 species with a negative
charge q = 1, [NH2]. Adding an extra Li+ ion gives an
interstitial Li+i . Adding a proton corresponds to an interstitial
with X = H and q = +1, i.e. H+i . Below we will see that an
interstitial proton recombines with an [NH2]
 group to form a
neutral NH3 molecule at a nitrogen site in the lattice. There-
fore, in practice H+i stands for NH3 in the lattice. Likewise,
VH, which corresponds to the removal of a proton, leaves an
NH2 ion in the lattice, which means it stands for the
transformation of an amide into an imide group. By adding
or subtracting electrons one can change the charge state of
the various impurities. For instance, adding an electron to
H+i results in the neutral system, H
0
i , whereas adding 2
electrons gives the negatively charged Hi .
The formation energy of each defect for the most stable
conﬁguration is presented in Fig. 2 as a function of the
position of the Fermi level in the band gap. To our knowledge,
no experimental value for the band gap has been reported.
Here we use the DFT-GGA band gap. The calculated band
gap of LiNH2 is 3.4 eV, which is in good agreement with the
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Fig. 2 shows that the defects with lowest formation energy
are Li+i and V





H (for H). The H
interstitial is a negative U system; the neutral charge state (H0i )
is never stable as the formation energies of the positively and
negatively charged interstitial cross below that of the neutral





such high formation energies that one of the charged species is
always the most stable in practically the whole band gap
region.
Fig. 2 also shows that Li-related defects have lower
formation energies than H-related defects over the entire
Fermi energy range. Thus, based on eqn (4), Li-related defects
have much higher concentrations than H-related defects.
Therefore, in the absence of extrinsic impurities and dopants,
charge neutrality is achieved by incorporation of Li related
defects with opposite charges (Li+i and V

Li) in equal amounts.
This pins the Fermi level at 2.55 eV [vertical line in Fig. 2],
where the formation energies of Li+i and V

Li are equal:





Hi are then 1.41, 0.70, and 1.26 eV, respectively.
As the properties of the solid phases are not very tempera-
ture dependent, the potential inﬂuence of temperature on the
formation energies, eqn (5), would mainly originate from the
hydrogen gas, cf. eqn (6). Increasing the temperature shifts all
the H-related curves in Fig. 2 to the left by an identical
amount. The chemical potential of Li is however directly
linked to that of H via eqn (7). This means that all Li-related
curves are also shifted by the same amount if we increase the
temperature. In other words, only the Fermi level changes its
position with temperature, but the defect formation energies
are temperature independent. For example, increasing the
temperature from 400 K to 700 K shifts the Fermi level to
the left by 0.23 eV.
3.3 Structure of point defects and their diﬀusion barriers
Here we address the mobility of the native point defects in
bulk LiNH2. We describe the structural relaxations, list the
sites where they can reside, and report the barriers for them to
hop to neighbouring sites, as calculated with the CI-NEB. The
main results are summarised in Table 2.
Li+i . Li
+
i resides in the vacant tetrahedral (4e, 2d, and 2b in
Fig. 1) or octahedral (vacant 8g equivalent to nitrogen 8g in
Fig. 1) sites. Li+i at a 4e and 2d site has the same energy. Also,
the 2b and 8g sites are nearly degenerate. However, the latter
are higher in energy by 0.14 eV. Li+i at a tetrahedral vacant
site changes the direction of the four N–H bonds which point
towards the midpoints between the Li+i and adjacent tetra-
hedral vacant sites. The four H atoms nearest to Li+i relax by
as much as 0.76 A˚.
For Li+i the lowest migration energy barrier (0.27 eV)
occurs for the path 2d2 4e (in the [100] or [010] direction)
in Fig. 1. During this interstitial displacement, Li+i moves
from a 2d (4e) site to a 4e (2d) site passing through a nearby
vacant octahedral site. The migration energy barrier for the
path 4e- 2b (2b- 4e) along the [001] direction in Fig. 1 is
0.46 (0.32) eV. In short, a Li+i preferentially resides in 4e or 2d
sites, as these are the lowest in energy. In order to diﬀuse
throughout the entire crystal, the highest point it must
encounter is the TS in-between 4e and 2b, so the eﬀective
activation energy for diﬀusion over large distances is 0.46 eV.
VLi. As mentioned in Section 2, in the LiNH2 crystal there
are three crystallographically inequivalent Li sites (2a, 4f, and
2c in Fig. 1) and, consequently, three possible Li vacancy sites.
A VLi (removal of Li
+) at (from) a 4f site has the same energy
as a VLi at a 2c site, but a V

Li at a 2a site is higher in energy by
0.14 eV. This is due to the fact that the Li(2a)–N bond length
(2.07 A˚) is shorter than the Li(4f)–N (2.05 and 2.23 A˚) and
Li(2c)–N (2.21 A˚) bond lengths. In comparison with Li+i , the
atomic relaxations are smaller in the case of VLi although the
four nearest H atoms relax towards the VLi by as much as
0.64 A˚. We ﬁnd migration energy barriers of 0.21 and
Fig. 2 Calculated formation energies of Li (a) and H (b) point defects
in bulk LiNH2 as a function of the Fermi level. The vertical line gives
the Fermi level position resulting from charge neutrality at T=400 K.
Also shown in (b) is the formation energy of the VþNH2 .
Table 2 Calculated formation energies Ef and migration energy
barriers Em for Li and H related defects. The site labels correspond
to those in Fig. 1. The activation energies for self-diﬀusion are given by
Ea = Ef + Em. The jump of the Li vacancy is from 2c to the nearest 4f
position
Defect Ef/eV Em/eV
Li+i 0.57 0.27 (2d2 4e) 0.46 (4e- 2b)
VLi 0.57 0.21 (4f2 2c) 0.40 (4f- 2a)
H+i 1.41 0.45 and 0.64 (N12 N2) 0.68 (N22 N3)
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0.40 (0.26) eV, respectively, for the paths 4f2 2c in the [001]
direction and 4f- 2a (2a- 4f) in the [100] or [010] direction
(see Fig. 1 and Table 2).
VH. As shown in Fig. 1, in the LiNH2 crystal structure there
are two crystallographically inequivalent H sites [H(1–8g) and
H(2–8g)]. But, after removal of H(1), i.e.H(1–8g), H(2) relaxes
to the position of H(1) to increase its distance from the nearest
H(2) (for hydrogens that are associated with diﬀerent N atoms,
d[H(1)–H(2)] = 2.17 A˚ is longer than d[H(2)–H(2)] = 1.86 A˚).
Upon removal of positively charged hydrogen from the NH2
group (creating VH in the system), the four Li atoms nearest to
the N relax inward by as much as 0.20 A˚. The migration
energy barriers are 0.63 (12 2), 0.71 (12 3) and 0.91 eV
(4- 1 of the proton).
H+i . A proton interstitial (H
+
i ) in the LiNH2 lattice
combines with a [NH2]
 unit to form a NH3. The nearest Li
atoms are 2.21 and 2.32 A˚ (0.17 and 0.30 A˚ change in
positions) far away from the N atom (in a defect-free supercell
each N atom has four neighbouring Li atoms at distances of
2.05, 2.07, 2.21 and 2.23 A˚). In this case, two other Li atoms
move away from the N atom in NH3 by 0.65 and 0.71 A˚ and
end up at distances of 2.88 and 3.10 A˚. For H+i , the energy
barriers are 0.45, 0.64 and 0.68 eV, for jumps N1 2 N2
(twice) and N2 2 N3 in Fig. 1, respectively. The barrier
0.45 eV is for a jump from N2 to the N1 site that is in the
neighbouring unit cell in the [010] direction. Other jump paths
from N2 into N3 are also possible, probably involving some
hindrance of Li+ ion(s) that the proton would have to pass.
Fig. 3 shows the path that the interstitial proton could take
to move from one N2 unit to the N2 in a neighbouring cell.
Starting in local minimum (a), the ‘‘excess’’ proton moves via
the transition state (b) of 0.45 eV into the local minimum at (c).
Starting from (c) another proton leaves, via the transition state
(d) of 0.64 eV and ends up in local minimum (e). This process
is an exchange-like process: the H+i moves (approximately)
into a site where another proton is already sitting. This other
proton has to be moved aside, which results in a rearrange-
ment of all protons on the NH2 unit, compare (c) and (d).
Eﬀectively in the whole process an NH3 has been exchanged
with a NH2 over a lattice vector b. So this path, of which the
highest barrier is 0.64 eV, allows a proton to be displaced over
arbitrarily large distances throughout the material.
Table 2 summarises our results for the Li and H related
defects. The defect formation energies Ef can be used to
calculate the intrinsic concentration of Li and H related
defects via eqn (4). Fig. 4 shows those concentrations for the
temperature range 373–773 K. The concentrations of Li+i and
VLi have to be equal because of charge neutrality. They range
from 1.5  1015 cm3 at 400 K to 1.8  1018 cm3 at 700 K.
The hydrogen interstitial H+i has a much higher formation
energy. Its concentration is therefore negligible. Even at 700 K
it is a factor of 105 lower than that of the Li impurities. The
formation energy of the hydrogen vacancy VH is just a little
higher than that of the Li defects and at 700 K its concentra-
tion is not even an order of magnitude less.
The absolute concentration of intrinsic defects at all
temperatures is quite low. Although once created the mobility
of defects is quite high due to the low migration barriers Em,
the activation energies for self-diﬀusion, given by Ea =
Ef + Em, are quite high. It means that mass transport inside
crystalline LiNH2 is quite slow, which is consistent with the
sluggish dehydrogenation kinetics observed experimentally.
3.4 Larger defects and defect complexes
In the previous sections point defects were considered that
provide the natural link between the amide and imide phases.
Here we study a larger defect species, and the most abundant
defect complexes.
First we consider removal of an entire NH2
 group from
LiNH2. This is natural, as H and N are covalently bonded. A
positive vacancy results: VþNH2 . Upon removal of the NH2

group the four nearest neighbour Li atoms relax outward
Fig. 3 Possible migration path for proton interstitials in LiNH2.
Lithium, nitrogen and hydrogen atoms are shown in green, blue and
pink respectively. First a proton jumps (black circle) via the transition
state (b) from local minimum (a) to (c). Then another proton
(red circle) jumps from (c) to (e) via the transition state (d). Only the
NH2 units in a single (100) plane are shown. The energy along the
reaction path is shown in (f). Coordinates of the atomic conﬁgurations
(a–e) are provided in ESI.w
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in order to strengthen the bonding with other N atoms.
The VþNH2 formation energy is plotted in Fig. 2. It is 0.18 eV
higher than the energy of Li+i . Therefore, under the chosen
equilibrium conditions, it is at least an order of magnitude
less abundant than the dominant positive defect species
(compare Fig. 4). It is also less mobile. The migration energy
barrier for diﬀusion over large distances is 0.92 eV.
Defects interact with one another and can form complexes.
Below we study these, for oppositely charged defects that can
form pairs. The simplest pairs are Frenkel pairs, where an ion
has been moved to an interstitial position, leaving behind a





i ]. The former has a formation energy of 1.66 eV,
which is smaller than the sum (2.11 eV) of the formation
energies of the two isolated, i.e. non-interacting defects. These
energies are quite high, suggesting these occur in very small
numbers. The lithium Frenkel pair has a formation energy of
0.72 eV, where the sum of the formation energies of the
isolated defects is 1.14 eV. The complex is not in strong
competition with its dissociated constituents, who both have
similar formation energies (Table 2).
We consider the occurrence of ‘‘Schottky-like’’ pairs, i.e.







Li], unlikely, as the positive vacancy
has a very high formation energy (Fig. 2). We checked this
with a total energy calculation for the [V+Li + V

H] complex.












0.54 eV, which is slightly (0.03 eV) lower than the formation
energy of Li+i (0.57 eV). Therefore it is likely that these species
occur in similar concentrations. One may wonder about the
mobility of the complex, as it involves jumps of two species
that have to remain in each others neighbourhood (the
dissociation cost is 0.73 eV). The formation energy of
[VLi + H
+
i ] is quite high, 1.30 eV.
V0NH is a complex of V
þ
NH2
and Hi , i.e. removal of an entire
NH2 group from the lattice and addition of a H

i at the vacant
H position. Therefore, in comparison with VþNH2 , the atomic
relaxations are smaller in the case of V0NH. The formation
energy of this complex is very low, 0.03 (0.49) eV at 400 (700) K.
This comes as no big surprise, as one negative ion
substitutes for the other, keeping the favourable Madelung
contribution to the total energy. The binding energy, i.e. the
energy released when VþNH2 and H

i merge into V
0
NH, is
1.97 eV. So there is a strong eﬀective attraction between
VþNH2 and H

i . This does not imply that all H

i are captured
by VþNH2 . The concentration is in principle still determined by
eqn (4) and (5). Because the formation energy of V0NH is so
low, however, it is quite likely that such defects are present in
the amide in large quantities. V0NH is not mobile on the amide
lattice though, we calculated a migration energy barrier for its
diﬀusion of 2.39 eV. So in the ﬁrst step of the dehydrogenation
process (1) they are not likely to play a role. In the second
step (2), where amide is re-grown from LiH and NH3, it could
be built in during the growth process. During this process both
LiH and lithium amide are present. A Li–H ion pair might be
incorporated into bulk LiH or as a V0NH in bulk amide. In this
competition we calculate the former to be more energetically
advantageous by 0.19 eV. Hence this species cannot block
Li(NH2) regrowth, but the regrown Li(NH2) probably
contains many frozen-in V0NH defects.
Other complexes that we have considered are VLiH,
VþNHð½VþNH2 þH0i Þ, and V2þNHð½VþNH2 þHþi Þ. These have a very
high formation energies.
4. The eﬀect of dopants on native defect
concentrations in LiNH2
In this section we study the incorporation of dopant atoms
such as Mg, Ca, Sc, and Ti into the lithium amide lattice. We
study Ti doping because Ti compounds are often used as
additives, see, e.g., Matsumoto et al.24 Adding alkaline earth
compounds to alkali ones is also an often used approach to try
and inﬂuence the (de)hydrogenation properties. The forma-
tion energies of dopant impurities are calculated using eqn (5).
For the chemical potentials mLi and mH we adopt the same
choice as in the previous section. The chemical potentials of
the dopants are ﬁxed by imposing equilibrium with their
hydrides. For instance, for Ti we have
mTi +2mH = Etot[TiH2].
As a dopant atom can, in principle, be incorporated as an
interstitial, a substitute for a Li atom or a substitute for a N
atom, we also need mN from eqn (8). ZPE corrections are
included in Etot[TiH2].
Our calculations show that, irrespective of the charge state
q (q = 2,1,0,+1,+2,+3), it is by far most favourable for
Ti to substitute a Li ion at a 2c position, cf. Fig. 1, TiqLi.
Substituting a N atom (TiqN) or forming an interstitial (Ti
q
i ) are
unfavourable. We assume that this is general, i.e. that also Sc,
Mg, and Ca preferentially substitute Li at 2c.47
The dopant impurity at the Li site is tetrahedrally coordi-
nated by [NH2]
 units. We have carried out calculations with
protons removed from a variable number of these [NH2]
.
This enables these anions to catch an additional electron, thus
oxidising the dopant atom, and formally becoming [NH]2,
i.e. a VH. We characterise the impurity complexes by the
number of hydrogen atoms removed and their net charge.
For instance, a (TiLi + 2VH)
+ complex lacks two hydrogens
and has a net total charge of +1. Chemically this complex is
then a Ti4+ ion coordinated by two [NH2]
 and two [NH]2
ions. At the TiLi site the excess charge compared to Li
+ is +3.
For the two [NH]2 ions the excess charge compared to
[NH2]
 is 1. So the net charge of this complex is +1.
The formation energies of the Sc, Ti, Mg and Ca dopants
and dopant complexes are shown in Fig. 5 and 6. The
formation energies are always lowest for dopants in their
highest oxidation state. With increasing Fermi energy EF it
becomes more favourable to expel more and more protons and
accommodate the remaining electrons not at the Fermi level,
but as [NH]2 ions. For instance, scandium is always present
as Sc3+, but for EF o 1.94 eV all [NH2] ions are intact and
we have Sc2+Li , for 1.94 o EF o 2.15 eV one [NH]2 ion is
present and we have a (ScLi + VH)
+. For EF > 2.15 eV we
have two [NH]2 ions, i.e. (ScLi + 2VH).
Such a behaviour was also described by Zhang et al.27 for
neutral MgLi in the lattice of LiNH2. They calculated a
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than our value. This discrepancy can be ascribed to the
diﬀerent supercell size (our cell is four times larger) and to a
diﬀerent substitution site. Note that there are three inequivalent
Li atoms in the unit cell of LiNH2, see Fig. 1. If we use a
smaller cell and change the substitution site, i.e. replace
Li(2)(4f) with Mg instead of Li(3)(2c) in Fig. 1 the formation
energy increases by 0.4 eV.
In Fig. 7, we combine the results for the formation energies
of both intrinsic (H and Li) and extrinsic (Ti, Sc, Mg and Ca)
defects from Fig. 2, 5, and 6. For the extrinsic defects only the
most stable state is shown. The Fermi level in the absence of
dopants is indicated by the black vertical dashed line at
2.55 eV. First we note that the transition metal impurities,
Ti and Sc, are not by themselves electrically active. They
cannot exist in a charged state because no charge compensating
intrinsic defects are available in the Fermi energy range where
the most stable Ti and Sc complexes are positively charged.
Therefore, if no other extrinsic impurities are present, they will
remain in a neutral state and the Fermi level will be pinned at
2.55 eV by the intrinsic defects.
For the Ca and Mg complexes the situation is diﬀerent.
Their e(+/0), i.e. charge transition levels, are some tenths of
an eV above 2.55 eV. Controlling their concentration can, in
principle, tune the Fermi energy over this range. If Ca or Mg
impurities are present in very large numbers, i.e. if their
concentration is much larger than any of the intrinsic defect
concentrations, these impurities pin the Fermi energy at their
respective charge transition energies e(+/0). The concentra-
tions of VLi and V

H are then increased according to eqn (4), as
an appropriate fraction of positive alkaline-earth species
would take care of the charge compensation. For an increasing
concentration of Mg impurities, the Fermi energy could





0.42 and 0.55 eV, respectively and at the same time increase
Ef[Li
+
i ] and Ef[H
+
i ] to 0.72 and 1.56 eV, respectively. This
would increase the concentration of VH by a few orders of
magnitude.
The small formation energy of Mg impurities, cf. Fig. 6
and 7, indicates that Mg is easily incorporated in the LiNH2
lattice and that the scenario sketched above is quite likely in
the case of Mg. The formation energy of Ca impurities





EF = 2.55 eV. This suggests that the concentration of Ca
impurities is much smaller than that of the intrinsic impurities,
and the Fermi level will not shift.
Of course, all our formation energies depend on the assump-
tions made for determining the chemical potentials in eqn (5).
For instance, if we would ﬁx mCa by demanding equilibrium
with bulk Ca metal, we would stabilise the Ca impurity by
1.26 eV. However, we do not think that this is a realistic
Fig. 5 Calculated formation energies for (a) Ti and (b) Sc dopants on
the Li site in LiNH2.
Fig. 6 Calculated formation energies for (a) Mg and (b) Ca dopants
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assumption. During a repeated (de)hydrogenation process any
bulk Ca would be exposed to H2 and experience a thermo-
dynamic driving force to form CaH2. Non-equilibrium
conditions might apply, e.g., during ball-milling, but after
repeated cycling these initial conditions do no longer
necessarily apply.
The beneﬁcial eﬀects of Ti-based additives, such as TiCl3 or
nano-particles of TiO2 or of pure Ti, on the kinetics of
the (de)hydrogenation process, have been studied inten-
sively.4,24,48–50 Isobe et al. carried out X-ray absorption
near-edge structure (XANES) measurements to characterise
Ti added to LiNH2 + LiH composite, after ball-milling the
mixture.50 In a ﬁrst-principles study of the X-ray spectra,
Tsumuraya et al. concluded that Ti ions occupy sites that
are 4-fold coordinated by nitrogen, i.e. the Li sites in LiNH2.
51
This geometry is consistent with our ﬁndings, i.e. our
calculations also identify the Li site as the most favourable
substitution site for Ti.
Matsumoto et al.24 have demonstrated the somewhat
peculiar ‘‘catalytic’’ action of Ti-additives such as TiCl3. For
the ‘‘catalysed’’ LiNH2/LiH system they obtain an activation
energy for thermal decomposition of 110 kJ mol1, which is
quite close to the 128 kJ mol1 found by Pinkerton for
‘‘un-catalysed’’ decomposition of pure LiNH2 resulting in
NH3.
52 This similarity suggest that the Ti-species does not
act as a usual catalyst, i.e. by reducing an activation barrier,
but operates via a diﬀerent mechanism. Also this is consistent
with our results. Ti incorporated in the LiNH2 lattice does not
shift the Fermi level. Therefore, it does not change the
concentrations of intrinsic defects, and does not aﬀect the
mass transport in the bulk material. Of course, on the basis of
our calculations we cannot preclude speciﬁc catalytic activity
of the Ti, e.g. at the amide surface. Interestingly, we observe
that the Ti impurities are special in the sense that they have a
negative formation energy in the whole Fermi energy range,
see Fig. 7. This means that Ti gets easily incorporated into
LiNH2 in large quantities. This can have a large impact
on the morphology of nano-scale amide grains, which other
impurities such as Sc and Ca, for which incorporation into
LiNH2 is thermodynamically unfavourable, cannot have.
Indeed, Matsumoto et al.24 argue that Ti-based additives
result in a large reactive surface in the amide/imide system,
which enhances the kinetics of H2 desorption.
Experimentally, replacing Li for Mg has been reported to
decrease the hydrogen desorption temperature (DT=50 1C).25,26
However, in these studies quite large amounts (B10%) of Mg
have been used, so formation of, e.g., Mg(NH2)2 is likely. Our
study shows that even a relatively low Mg concentration could
have a substantial eﬀect. As at the intrinsic Fermi level
position in LiNH2 the formation energy of Mg
+
Li is negative,
Mg ions are easily incorporated, which might lead to a similar
behaviour as in the case of Ti additives. In addition, the Fermi
level is shifted for larger Mg concentrations, which decreases
the formation energy of intrinsic defects.
5. Discussion and conclusions
We discuss the possible role of defects in the initial phases of
the conversion of LiNH2 to Li2NH. The equilibrium concen-
trations of intrinsic defects are quite low, i.e.r2  1018 cm3
for temperatures T r 700 K. Their relative concentrations
depend very much on the type of defect. The Li-related defects
Li+i and V

Li are most abundant and determine the charge
balance (Fig. 2 and 4). Of the H-related defects, VH is much
more abundant than H+i . V

H in fact corresponds to a NH
2
ion in the amide lattice, whereas H+i corresponds to a NH3
molecule. Our results implicate that the equilibrium concen-
tration of the latter species is negligible. The barriers
for diﬀusion of intrinsic point defects are in the range
0.3–0.7 eV (Table 2). Although such low barriers implicate
that diﬀusion is relatively fast, the low concentration of
intrinsic defects means that mass transport through the bulk
mainly takes place via self-diﬀusion, where ﬁrst a defect has to
be formed before it can diﬀuse. The activation energies for
self-diﬀusion of the Li-related defects Li+i and V

Li are in the
range 1.0–1.1 eV, whereas those of the H-related defects, VH
and H+i , are 1.4 and 1.8 eV respectively. This means that mass
transport in LiNH2 is quite slow, which is consistent with the
relatively high temperatures needed for dehydrogenation.
If mass transport of hydrogen through the bulk has to take
place via self-diﬀusion, then (VH, H
+
i ) pairs have to be created
as a ﬁrst step. This corresponds to the process
[NH2]
 + [NH2]
- [NH]2 + NH3, (10)
where the right hand side corresponds to the (VH, H
+
i ) pair.
A proton is shifted from one NH2
 to another, resulting in a
building block for the imide and an NH3 incorporated into the
lattice. This corresponds to a step in the mechanism for
non-stoichiometric conversion from the amide to the imide
as proposed by David et al.13 From Table 2 one obtains a
formation energy of 2.11 eV for the (VH, H
+
i ) pair. Note
that this is the formation energy of a well-separated pair,
which is required for mass transport. The formation energy of
Fig. 7 Calculated formation energies of both intrinsic (H and Li) and
extrinsic (Ti, Sc, Ca, and Mg) defects in LiNH2. The black dashed line
denotes the Fermi level position resulting from charge neutrality
in un-doped LiNH2. Green, dark purple, blue, and red dotted lines
denote the (0/+) transition levels, respectively, for Ti, Sc, Ca, and Mg.
By increasing (decreasing) the temperature the whole plot moves to the
left (right). Therefore the (0/+) transition levels remain unchanged
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the (VH, H
+
i ) Frenkel pair is calculated as 1.66 eV.
53 These
high formation energies show that the equilibrium concentra-
tion of such pairs is negligible.
In conclusion, the creation of ammonia molecules in the
amide lattice is very unfavourable. We propose instead that
NH3 is formed only at the surface, where it can go in the gas
phase or dissociate further, or at the interface with LiH, where
it can react directly with LiH. The process to make the NH3 is
the same as in eqn (10), but now both the NH3 and the NH
2
species are created at the surface. NH3 immediately reacts, or,
alternatively, it goes into a gas phase. NH2 eﬀectively
corresponds to a VH defect. It has a low migration barrier
(0.6–0.7 eV, see Table 2) and can easily diﬀuse into the bulk
material. In parallel, the Li+i ions that remain at the surface
after NH3 desorption, also diﬀuse into the material to keep the
charge balance. Alternatively, they can recombine with the
vacancies VLi that are present inside the amide.
Incorporation of dopants in the form of Mg, Ca, Sc and Ti
substitutional impurities into the amide lattice oﬀers a little
room to tune the concentration of intrinsic defects and hence
the mass transport inside the amide material. The energy cost
to incorporate Sc and Ca atoms is high. In contrast, the
incorporation of Ti and Mg atoms is typically exothermic
and should thus be easy. If present in the lattice in suﬃcient
numbers, Mg and Ca species can shift the Fermi energy and
thus reduce (increase) the Ef of the negative (positive) intrinsic
point defects by 0.1 to 0.2 eV. This would (moderately) aﬀect
the defect concentrations, and therefore the mass transport
and possibly the overall kinetics. Sc and Ti dopants have no
such eﬀect. However, as Ti and also Mg can be easily
accommodated in the amide lattice, it is possible that their
incorporation aﬀects the morphology of nano-grains and
can thus be related to the apparent catalytic eﬀect of
Ti-additives.24
Note added in proof
Recently a computational study of the LiNH2/Li2NH trans-
formation has appeared.54 In this study the authors also study
the formation and migration of several intrinsic defects. Their
conclusions are generally consistent with ours, although some
details diﬀer.
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